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ABSTRACT Uniform latexes of anionically polymerized polystyrene, M ,  = 180 000, M ,  = 250 OOO, and M ,  
= 420 000, were prepared by direct miniemulsification. The 1200-A-diameter particles were cleaned, dried, 
and sintered, and the resulting films were annealed for various periods of time at 144 OC. The films were 
fractured with fiie dental burr instrumentation at a depth of 4000 Alpass. The number of chain ruptures 
and consumed energy per unit area were measured, as well as tensile strength. Plots of chain scissions and 
energy consumed vs 0.5 power of annealing time showed three regimes: mixed, peak, and recovery. Data 
in the mixed regime c o n f i i  portions of the de Gennes and Tirrell theory which predicts a 0.5 power dependence 
on annealing time and portions of the Wool theory. Using the Lake-Thomas theory, rubber elasticity theory, 
and bond dissociation energy, the contribution of the several mechanisms consuming energy were estimated 
on the basis of an energy balance approach. A mechanism involving the scissor-action opening of the 109O 
carbon-carbon bond and concomitant bond stretching of the about 300 bonds trapped between entanglements 
is consistent with the consumption of moat of the energy in the later annealing stages and/or fast fracture 
processes. Tensile strength and the fracture energy per unit area of the films increase linearly with the 
number of chain scissions per unit fracture area in the first regime, as predicted by Peppas. 

Introduction 
The process of crack propagation in polymers requires 

the extension of chain segments which reside in the fracture 
plane to maximum elongation, and then the chains must 
either break or be pulled out from one side.lI2 Fracture 
energy is consumed during the chain stretching process in 
two ways: (a) the energy for deforming the affected chain 
subsection to the fully extended conformation and (b) the 
energy necessary to bring all the bonds participating in 
that subsection to the breaking point before the chain 
actually breaks.3 The viscoelastic dissipation part of the 
fracture energy covers the chain deformation in regions 
around the crack tip: and the pulling or suction of chains 
from the fracture  lane.^*^ The relative contribution of 
theae mechanisms in the consumption of fracture energy, 
however, is not well understood. 

Popli and Roylancd performed a series of gel permeation 
chromatography (GPC) separations on polystyrene spec- 
imens damaged by mechanical crazing. They showed that 
the amount of covalent bond scission during crazing of 
amorphous polystyrene is detectable even though very 
small. Therefore, they proposed chain slippage as the 
major molecular mechanism but noted it may not be the 
only one associated with craze formation. 

Fordyce et al.8 measured the number of polymer chain 
scissions that occur during fracture of narrow molecular 
weight polystyrene samples via mechanical grinding by a 
dental burr a t  cryogenic temperatures. They found from 
10" to 1018 chain ruptures/m2 of fracture surface by 
analyzing the resulting powder with electron spin reso- 
nance, dilute solution viscometry, and infrared epedros- 
COPY. 

Wool et ala9 and Willett et al.l0 sliced high molecular 
weight polystyrene rods with an ultramicrotome at  room 
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temperature and concluded that around 7 X 1017 scissions/ 
m2 took place. With increasing temperature, a more 
favorable condition for chain pull out, they showed the 
number of broken bonds decreased. 

Brown et showed that the interface of two immis- 
cible polymers can be strengthened by the presence of a 
diblock copolymer for which each of the two blocks is 
miscible with one of the homopolymers. They also 
demonstrated that crack propagation along the interface 
involves the breaking of all the copolymer chains at the 
junction point, increasing the toughness of the interface 
significantly. 

This paper applies a custom built submicron grinding 
instrument, which uses a rheometer for rotating a dental 
burr, to the fracture of partially annealed uniform artificial 
latexes prepared from anionically syntheaized polystyrene. 
This facilitates the simultaneous measure of the number 
of polymer chain scissions and the consumed fracture 
energy when a unit area of fracture surface is generated. 

Theoretical Background 
De Gennes in France, Wool and Tirrell in the U.S.A., 

and Kausch in Switzerland pioneered a theory known as 
crack healing or welding to understand the molecular 
processes that are involved in the fracture and healing of 
new surfaces in polymers. In this theory and concomitant 
experiments, the two pieces of a fractured sample are 
brought together with a slight pressure at a temperature 
above the Tg of the polymer for different time periods. 
Therefore, the polymer chains can cross the interface by 
reptation and make new entanglements. This molecular 
process eventually heals the fractured region. Then, 
partially annealed interfaces are refractured and mechan- 
ical properties correlated to annealing time and molecular 
weight. With the application of the reptation theory of 
de Gennesl2 and Eklwardd3 and the development of the 
minor chain reptation theory by Kim and Wool,14 the 
following models were propoaed to rationalize the depen- 
dence of fracture properties on time and molecular weight: 

(1) de Gennesl6 reported that 
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where GIG, at, t ,  and 7 are the fracture energy, fracture 
stress, annealing time, and relaxation time, respectively. 
He suggested that the number of bridges crossing a unit 
area of the interface was the controlling molecular prop- 
erty. 

(2) Prager and TirrelllG obtained the following corre- 
lation for the case when the initial contact is between the 
surfaces which have many broken chain ends 

Uf - t ' f 8 h F  t < 7 (3) 
while they reported a stronger dependence on time and 
molecular weight when the initial contact is between 
surfaces which have been equilibrated against a gas phase: 

Uf - t'/4M-3/4 t < 7 (4) 

They also proposed the number of bridges per unit area 
spanning the original junction interface as the critical 
parameter. 

(3) Kausch et al.17 assumed that 
uf - AIA, X NIN, (5 )  

where A is the contact area and A, is the total cross- 
sectional area of the interfacial bond. On the other hand, 
N and No are the number of links formed across the 
interface at time t and the number of links at full annealing, 
respectively. They concluded that 

Uf - t1I4 t < 7 (6) 
Applying their minor chain reptation model, Kim and 

concluded that the dependence of the fracture 
stress on annealing time and molecular weight can be 
expressed by 

Uf - t'/4iu'/4 t < 7 (7) 
They suggested that the average interpenetration distance 
of the polymer segments was the controlling molecular 
property. 

Mikoa and Peppasl8 developed a stochastic model to 
calculate the number of effective chain segments Neff that 
cross the fracture plane and entangle about it, and so are 
able to support stresses. They found that 

Ne, N (1 - 2M$M>/Me1/2 t L T (8) 
where Neff, M, and Me are the total number of effective 
crossings, the molecular weight of the polymer chains, and 
the molecular weight between entanglementa, respectively. 
Invoking a chain scission criterion of all polymer segments 
forming effective crossings, they concluded that 

and 
GIC N Ne$e (9) 

Qf - Neff (10) 
Application of the latex film formation procees, healing 

of a polyinterface system, is another way of investigating 
the correlation of chain interdiffusion (via reptation) to 
mechanical One of the most critical parta of 
the latex f h  formation process is the massive interdif- 
fusion of the polymer chains across the particle interfaces 
and establishment of new entanglements in the neigh- 
boring particles. This phenomenon is believed to play a 
crucial role in strength buildup of the films made from 

I 

Figure 1. Schematic representation of an ideal fracture process 
involving the dental burr. 

Table I 
Direct Miniemulsification €hipea for Polystyrene Latexes. 

parts by weizhtb 
ingredient LMW MMW HMW 

Oil Phase 
cyclohexane 80.00 80.00 80.00 
polystyrene 6.00 5.00 3.00 
cetyl alcohol 1.26 1.26 1.26 
stearyl alcohol 0.54 0.54 0.64 

Water Phaae 
water (DDI) 200.00 200.00 200.00 
sodium lauryl sulfate 2.20 2.20 2.20 
a Sonification temperature: 50.0 OC. Sonification time: 3.0 min. 

bLMW = 220K; PDI = 1.10. MMW = 293K PDI = 1.07. HMW 
= 650K; PDI = 1.08. 

latexes.23 Initially, the spherical latexes contain entangled 
chains with some ends on or near the surface. Aftar the 
cleaned latex powder is sintered, the particles have an 
approximately hexagonal close-packed shape. Then, 
depending on the annealing time, the polymer chaine may 
diffuse to different extents into neighboring particles. 

Before film formation is complete, the latex film can be 
fractured into ita original particlea or small clump of them, 
using a suitable instrument (Figure 1). The mode of the 
failure of polymer chaina at the interface, scission or pull 
out or a combination of both, will depend on the extent 
of polymer chain interdiffusion and establishment of new 
entanglements in neighboring particles. Generation of a 
large surface area by fracturing a polyinterface system 
such as the partially annealed latex f h ,  facilitates 
counting of the number of chaine per unit surface area 
that actually break during the fracture process. 

Experimental Section 
Direct Emulsification. Polystyrene latexea were prepared 

by a direct miniemulsification techniques baeed on the recipee 
shown in Table I. Some definitions are in order. Direct 
emulsification refers to submicroscopic diepersion of matter and 
has been practiced commercially for many years. Miniemulsi- 
fication is a direct emulsification using long-chain alcohole as 
cosurfactants. Microemulsification usee short-chain alcohob as 
cosurfactants. It must be noted that the phase relations and 
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Figure 2. Transmission electron micrograph for direct mini- 
emulsified polystyrene (M = 200 K) latex particles. 

Table I1 
Malecuhr Weight and Molecular Weight Distributions of 
Various Polyityrann before and .Iter Preparation 01 

Artificial Latexes 
molecular weights X 10-9 

o d  wwder in d d e  form - .  
sample M. M. PDI M. M. PDI 

1 200 220 1.10 180 210 1.17 
2 270 290 1.07 250 280 1.12 
3 600 650 1.08 420 500 1.19 

thermodpmicsof these systemanre significantlydifferenkThis 
paper provides an improved method of miniemulsification. such 
thattheparticlesnrerelativelymoreuniform in sizedistrihution. 
Since the particles ala0 contain rather uniform molecular weight 
anionic polystyrenes, these materiala are more suitahle for 
polymer physics experiments. 

Sodium lauryl sulfate (anionic surfactant, Fisher Scientific) 
was used in the water phase. Two cosurfactants, cetyl alcohol 
(Kodak Co.) and stearyl alcohol (Kodak Co.), were used in the 
oil phase. The oil phase, composed of cyclohexane, anionically 
synthesizadpolystyrene (M= 220000,PDI= 1.1,DowChemical 
Co.;M= 290 000,PDI= 1.07,orM=650 OOO,PDI= 1.08,Pressure 
Chemical), and two cosurfactants weremixed withthewater phaae, 
sonificated, and homogenized. The crude latexes were passed 
through a 0.4-pm polycarbonate (Nuclepore Inc.) membrane 
several times. Then, the solvent, cyclohexane, was removed by 
steam distillation, resulting in uniform latex particles of ahout 
1200 A in diameter with a polydispersity of 1.02 (Figure 2). The 
molecular weight diatrihution of these samples changed slightly 
after going through the particle preparation technique, hut they 
are still less than 1.2, as summarized in Table 11. The largest 
amount of data reported in this paper is for sample 3. The value 
M. = 420 K was used in all  calculations. 

Characterization. Gelpermeationchromatography(Waters) 
was applied for analyzing the molecular weights and molecular 
weight distributions. The clump sizes, assuming a spherical 
model, were measured by photon correlation spectroscopy 
(Coulter N4MD). Particle size and particle size distribution of 
the latexes were measured by transmienion electron microscopy 
(TEM, Philips 300). A particle size dispersity index of about 
1.02 was obtained on the hasis of TEM (Figure 2). Differential 
scanning calorimetry was used to confirm the removal of 
surfactant and cosurfactanta via glass transition measurement, 
a Tg of 106 "C being recorded. Scanning electron microscopy 
(JEOL 6300) was used to study the fracture surfaces. 

Sample Preparation. The latexes were dried a t  40 OC for 2 
days. Then the cosurfactants, cetyl and stearyl alcohols. were 
removed by extraction with excess methanol for 3 days. The 
anionic surfactant, sodium lauryl sulfate, was removed hy hot 
water extraction. The cleaned wet powder wan dried at 40 OC. 
Then, the dried powder was left in 60 "C vacuum oven for 1 week 
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to remove the poeaible traces of solvent. The dried polystyrene 
particles were sintered hy using a vacuum hot prsss a t  110 OC 
for 40 min under a pressure of 9.0 MPa These conditions are 
just sufficient to form a void-free, fully dense f i  (1.05 g/ems). 
while minimizing chain interdiffusion between neighboring 
particles22 

Specimen Annealing. The nsnlting sintered fh were 
about 0.8 mm thick and 37.5 mm in diameter. These were 
annealed a t  144 OC for varioun periods of time in sandwich form 
with a steel O-ring spacer between two thin steel plates. Binder 
clips were used to hold the assembly together. A vacuum oven 
was used for annealing the samples to prevent chemical aging. 
Thirty minutes was allowed for temperature equilibrium, before 
the "annealing" times were started. After annealing, samples 
werequenchedina15OC waterbathtoinhihitfurtherdiffusion. 

Selective Mechanical &gradation. The films were then 
fractured with a fine dental burr instrument% whicb cuts at a 
depth of 4000 A/pass. The instrument contains three main 
sections: grinder, electronic module, and recorder. The grinder 
section has three hasic parts: (a) a clock motor to rotate the head 
of a micrometer and a block of partially annealed sample which 
is glued to its spindle tip, (b) a viscometer motor which rotates 
the dental burr, (c) a motor that moves the viscometer motor 
hack and forth past the sample, and a vial to collect the ground 
powder. Awaterdropat theburrtipreducee heatbuildupduring 
the grinding and collects the ground powder. The temperature 
increases leas than 2 OC inthewater drop. When the drop becomes 
too heavy, it falls into the vial. 

Tensile Test. Tensile strength studies were carried out on 
partially annealed samples at room temperature hy using an 
Instron 1011 testing machine. Dog-bone specimens (ASTM 
D638) were prepared by cutting the samples and grinding them 
with fine sand paper. A grip separation distance of 12.5 nun 
(gauge length) and a grip separation rate of 3 mmlmin (dis- 
placement rate) were employed. 

Data Analys is  

scissions per unit area, N., was calculated using 
Chain Scission Analysis. The number of chain 

where A ia Avogadro's number, p ia the density, d is the 
average clump diameter, and Mno and M. are the initial 
and fmal number average molecular weights, respectively. 

Fracture Energy Analysis. The energy required for 
stretching the polymer chain segments to the rupture point 
followed by scission were calculated from the  Lake- 
Thomas theory:3 

E, = pU* (12) 
where p and U* are the number of effective chain segments 
crossing a unit area of fracture surface and the rupture 
energy per effective chain segment, respectively. The 
number of chain ruptures per unit fracture area in each 
annealing point were used as E* aeauming every scission 
was preceded by  an excitation of each backbone carbon- 
carbon bond, stretching it to maximum extension. U* 
wascalculated by  multiplicationof the  dissociationenergy 
of t h e  carbon-bon bond in polystyrene (70 kcal/mol) 
and the  number of bonds between two consecutive 
entanglement points (about 300). 

The energy necessary to uncoil the chain segments 
crossing a unit area of interface was calculated using t h e  
rubber elasticity theory9 

where k, T, ne, and + are the Boltzmaun constant, the 
temperature, the number of the constituent bonds in the 
segment, and the bond angle, respectively. 
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Figure 3. Gel permeation chromatograms of a ground powder 
of partially annealed films (M, = 420 K), converted to read 
molecular weight directly. 
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Figure 4. Schematic representation of a deconvoluted gel 
permeation chromatogram: (1) original peak; (2) sharp peak; (3) 
broad region. 

Table I11 
Distribution of Fracture Energy among Varioum 

Micromechanisms Involved in the Fracture of M,, = 4203 
Artificial Polystyrene Latex Films at f = 2.66 Hz 

annealing energy consumed: J/m2 
time,min final 10-3M, WU WS WV WT (expl)b 

0 197 0.1 6 0  6 
10 192 0.5 65 27 93 
15 218 0.6 76 31 108 
30 149 1.2 147 11 158 
45 165 1.1 124 92 217 
60 169 1.0 120 217 337 
120 185 0.8 92 121 214 
1440 142 1.7 197 58 255 
10080 147 1.7 200 31 231 
Wu = uncoiling (rubber elasticity). Ws = stretch the chain 

segments (109' bond angle). Wv = viscoelastic processes; WV = WT 
- (Wu + WS). WT = total energy consumed. *Error k15%. 

bsults 
Figure 3 demonstrates the molecular weight distribution 

of the polymer chains of a ground powder of partially 
annealed films for the Mn = 420 K sample. The curves 
were deconvoluted to three regions (original, sharp, and 
broad) from which their molecular weights and distribu- 
tions were calculated (Figure 4). Molecular weights of 
ground samples are shown in Table I11 as a function of 
annealing time. 

Peak I I '  /R-Y I 
I / A  \ 

? /  I A -- 1 

-.-- I 
0.00 S o b  1o:w 1S:OO '40k 

(Annoallng Time, mln)*Q.5 
lO'~1od.00 

1=2.6§Hz A 1=1.33Hz 0 f=0.53Hz 
Figure 5. Number of polymer chain sciwions per unit fracture 
surface area for M, = 420 K at various frequencies. Note three 
regimes. 

While the results varied slightly from sample to sample, 
variations were considered statistically insignificant. 
Typical results for the sintered sample (0 time, Table 111) 
are shown below: 

M, M W  PDI 
original curve 600K 620K 1.02 
sharp peak 213K 216K 1.01 

The "broad region" might have an ideal polydispersity of 
2.0 if it arises through a random cutting mechanism. The 
fractional contribution of each region to the overall curve 
varies with annealing time as follows: 

broad region 127K 230K 1.81 

broad 
region 

0 0.53 0.05 0.42 
30 0.39 0.04 0.57 
240 0.46 0.04 0.50 
1440 0.29 0.05 0.65 

annealing original sharp 
time, min curve peak 

Astheannealingtimeincreasee,theoriginalpeakdhhish 
in size while their sharpness stays the same. The broken 
chains, on the other hand, increase in number and broaden 
the overall distribution. The sharp peak appeare at around 
Mn = 210 K, ita position and contribution changing only 
slightly with annealing time. 

Three different mechanisms for chain breakage may 
c a w  the molecular weight distributions observed: (a) 
the minor chains croeaing the interface of the particW2 
are broken by the growing crack; (b) multiple scission may 
occur as the crack advances through the threaded inter- 
face;5J5 (c) altematively, the propagating crack may cut 
the polymer chains randomly as it goea through the 
particles. The extent of contribution of each of these 
mechanisms or exietence of others is not clear a t  this stage. 

Figure 5 shows the relationship between the number of 
chain scissions per unit area, Na, and the 0.5 power of 
annealing time for the Mn = 420 K eample at three different 
frequencies of burr rotation. Three regimes can be 
distinguished ae follows: 

(a) In the fmt regime, mixed, the chains interdiffuse 
sufficiently to establish new entanglemente in the neigh- 
boring particles. Therefore, polymer chain rupture in- 
creases continuously ae more chains cross the interface 
and more effective croeeinge form. 

(b) The number of chain scissions per unit fracture area 
reaches a maximum around 30 min of annealing and then 
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Figure 6. Fracture energy per unit area for M, = 420 OOO at 
various frequencies. Again, note three regines. 

decreases in the peak regime. The drop may be attributed 
to a change in the crack growth path from the particle 
interface to through the particles. 

(c) The polymer chains complete randomization in the 
recovery regime. Therefore, the number of the polymer 
chain ruptures per unit area recovers and continues to 
rise, eventually leveling off. 

The reduction of the frequency of the burr rotational 
motion reduces the number of chain scissions per unit 
area. The upper and lower limita of the number of chain 
scissions per unit area are (a) breaking of all the chains 
crossing the interface (fast fracture) and (b) preferential 
rupturing of the effective chain crossings (slow fracture). 

The number of chain scissions per unit fracture area, 
N,, was €ound to be (1.3 f 0.3) X 10l8 scissions/m2 
independent of molecular weight atf = 2.65 Hz. However, 
they are frequency dependent as shown in Figure 5, data 
pointa on the far right. The annealing conditions were as 
follows: 

T ,  min t ,  min 

M, = 420K 96.0 10080.0 
M, = 250K 25.5 2160.0 
M, = 18OK 10.5 1440.0 

where t and r are the annealing time and relaxation time 
of the polymer chain, respectively. The relaxation time, 
r, of the M, = 420 K sample was calculated to be 96 min 
at 144 O C  using27 

r = R2/(31r2D) (14) 
where R and D are the end to end distance of the polymer 
chain and the center of mass diffusion coefficient, re- 
spectively. By application of the well-known scaling 
equation of D - W ,  the diffusion coefficient for the Mn 
= 420 K sample was calculated by knowing the diffusion 
coefficient of M, = 200 K.28 Using r - iW, r values for 
the other two samples were calculated as shown. 

Figure 6 shows the fracture energy per unit area 
dependence on the0.5 power of annealing time for grinding 
the surface of partially annealed films of the 420 K sample 
at varioue burr rotational frequencies. Again three re- 
gimes, mixed, peak, and recovery, were observed. The 
fracture energy increases when the frequency decreases. 
The peak of the fracture energy curve occurs at around 60 
min for f 5 2.65 Hz while the number of scissions decrease 
at around 30 min of annealing. Therefore, it seems that 
a transition region exists in which fracture energy increases 
while the number of scissions decrease. With decreasing 

420Kg/mole 0 220Kg/mole 

Figure 7. Tensile strength for M, = 420 K and M, = 200 K 
samples. Both samples exhibit statistically significant maxima - -  
in the tensile strength. 

f 500.00 
5 x lo-' N / S e p e n t  (83 Kcrl/.ol for C-C bond) 

-10 
l- Peppa'r Model 2 x 10 NBegmant , 
c 

E 0 15.00 
t 

0.00 
0.00 I .oo 2.00 3.00 1 

in, S~C. 
Figure 8. Force to break a segment dependent on the reciprocal 
of the frequency. 

frequency, however, the transition region disappears and 
both curves drop at about the same time, 60 min. 

Figure 7 presents the tensile strength vs the 0.5 power 
of annealing time correlation for Mn = 420 K and M, = 
180 K samples. Again, three distinct regimes exist. The 
tensile strength of the lower molecular weight sample 
increases faster, but ita overall strength is lower. The 
sudden dip and recovery of the tensile strength for the 
higher molecular weight sample is believed real, supported 
by triplicate testing. 

Figure 8 shows the ratio of the tensile strength to the 
number of chain scissions per unit area as determined by 
the dental burr experiment, on the same sample. This is 
equivalent to force per chain segment and plotted as a 
function of frequency for the M, = 420 K sample in the 
first regime. A force of about 3.5 X lo-" N was calculated 
for breaking asegment at the highest burr frequency (2.65 
Hz). With lower frequency, the force increases to 1.52 X 
1O-IO N/segment. Peppas18 calculated a force of about 2.6 
X 10-10 N for breaking a statistical segment based on his 
stochastic model. 

Figure 9 demonstrates the ratio of fracture energy to 
the number of chain scissions per unit area plotted vs 
frequency. An energy as much as 2 X 10-16 J was calculated 
for stretching a segment crossing the interface to the 
breaking point for f = 2.65 Hz. As the frequency decreases, 
the energyincreasestoabout 1 X l@15 J,  which is equivalent 
to 3.3 X 10-18 Jtbond. A value of the order of 3.8 X 10-'8 
J/bond was calculated by Peppas.18 
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to that, the fmt regime, an induction period, was not 
observed in the fracture of films prepared from artificial 
latexes based on anionically synthesized polystyrene 
(present work). Early diffusion studies by Linne' et 
and Yo0 et dB on films prepared from emulsion polym- 
erized polystyrene particles also showed an apparent 
induction period. On theotherhand,Kimetal.280bserved 
a fast interdiffusion from the beginning for films made 
from artificial latexes containing anionically prepared 
polystyrene. For films annealed for 1 min, M. = 420 K, 
an average depth of interdiffusion of about 57 A was 
calc~lated3~ 

lZ(t) = 16D*t/r (15) 
where Z(t), D*, and tare the average escape length of the 
minor chain, the segmental diffusion coefficient, and the 
annealing time, respectively. A segmental diffusion co- 
efficient was calculated knowing the center of mass 
diffusion coefficient, annealing time, and relaxation time: 

DID* = (r/t)'.' (16) 
This depth of interdiffusion is already greater than the 
interdiffusion equivalent for critical entanglement me 
lecular weight. Perhaps the first regime in the fracture 
properties-annealing time correlations for emulsion- 
polymerized films can be attributed to the induction period 
observed in diffusion studies. This itself may he ratio- 
nalized on the basis of the ionic forces between the sulfate 
groups at the end of the chains which locate primarily at 
the surface of the particles. The interdiffusion of the 
polymer chains may first need a reorganization period in 
such a way that minimizes the interaction of the chain 
ends when they cross the interface. It should also be noted 
that at equivalent molecular weights, the anionic poly- 
styrene diffuses about 10 times as fast as the emulsion- 
polymerized material.= This effect may be related to the 
size of the sulfate groups. 
Reason for Peak Appeanmce. The drop in the 

fracture properties-annealing time correlations after 
reaching a peak was observed again. But the question is, 
why does this drop occur? 

It may be argued that as long as the interface of the 
particles is healing and the crack propagatas through that 
region, the number of chain scissions, energy consumed 
per unit area, and tensile strength all increase. As scan 
88 the interface of the particles are healed sufficiently, the 
crack probably deviates to grow through the particles, 
consequently all fracture properties decrease. But the 
drop in tensile strength occurs in about the name time 
frame as the number of chain scissions does, 30 min of 
annealing (Figures 5 and 7). The fracture energy- 
annealing time curve (Figure 6), however, shows a drop at 
about 60 min of annealing. Therefore, a transition stage 
for the deflection of the crack path from the interface 
through the particlescan bes~ggested.~" In the transition 
zone, the crack may altemate between the interface and 
the chain entanglement network with possible lower 
entanglement density. At  this stage perhaps the number 
of chain scissions and tensile strength decrease while more 
energyisconsumed. The fracturesurfaceanalysissupporta 
the idea of a transition of the crack path from the interface 
through the particles. The fracture surface of the sample 
annealed for 45 min (Figure lo), for example, when the 
curve just dropped in tensile strength-annealing time 
correlation (Figure 7) shows side cracks with an angle of 
about 45" to the original path. Inside these secondary 
crackshighly orientedfibrils were observed. The direction 
of fibril orientation suggests that the secondary cracks 

rn, UC. 

FxureS. Fractureenergy stored in a carbon-earbon bond before 
it breaks under external stress. The energy et infinite frequency 
corresponds to the actual energy of C-C bond formation. 

n m i n .  su.onn h 15 m i " .  25 .000  X 

45 m i n .  25,000 X 7 days, 50,000 X 

Figure 10. Scanning electron micrographs of fracture surfaces 
(cloekwisefromtopleft): (a)sinteredfilm,(h) 15minofannealing; 
(c) 45 min of annealing; (d) I days of annealing. 

Most likely, this is a result of the large local shearing 
action of the cutter tip, during the production of shavings 
by the dental burr. This consumes increased shearing 
work in bringing the tip of the cutter to the actual state 
of material separation. 

Figure 10 shows the surface of the partially annealed 
f h s  after fracture under tension. For short annealing 
times (sintered sample, 0 min), M. = 420 K, the surface 
appears like a basket of eggs, latex particles, when the 
crack goes through the particle interfaces. With an 
increase in the annealing time, the boundary of the latex 
particles begins to disappear (15-min annealing). Then 
(for the 45-min annealing), with an angle about 45O with 
respect to the original crack path, some side cracks are 
observed. Inside these side cracks polymer chains were 
fibrillated. It should be mentioned that 45 min of 
annealing is equivalent to the point where the tensile 
strength nwedrops. Witha further increase in annealing 
time (7days),theregularfractographofa bulkpolystyrene 
sample appears, with patch formation and craze devel- 
opment. 

Discussion 
The fracture of f h  formed from emulsion-polymerized 

polystyrene latexes has shown four regimes.1.2.22 Contrary 
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The ratio of the tensile strength of the lowest point 
following the peak to the highest point in the peak regime 
is around 0.72, while the same ratio in the fracture energy- 
annealing time curve is about 0.3. This difference can be 
argued on the basis of the different loading rates of the 
experiments; the tensile experiment was performed at a 
much slower rate. The ratio increases as the frequency of 
the grinding process is reduced (Figure 5). This suggests 
that the bimodal entanglement network supposition at 
the interface and the core of the particles is more detectable 
at higher fracture rates. 
Energy Balance. Interestingly, the contribution of 

the chain straightening free energy, calculated through 
rubber turns out to be of the order 0.5 J/m2 
(Table 111), 2 orders of magnitude smaller than the energy 
necessaryto stretch the bonds (see eq 13). The important 
term for the fast fracture case and especially for long 
annealing times, is the energy well quantum mechanics 
contribution to stretching each carbon-carbon bond to 
the breaking point, W, (Table 111). The pull-out energy 
is thought to decrease with annealing time, because 
entangled chains break rather than pull out of their 
respective surfaces. The contribution of pull-out energy 
increases by reducing the fracture rate or increasing the 
temperature. 

Using the measured temperature rise of about 1-2 deg 
in the drop of water during the grinding process, an energy 
dissipation of about 160-320 J/m2 was calculated. An 
energy of about 200-400 J/m2 was measured on the basis 
of torque conversion. The interesting point here is that, 
to a fist approximation, all of the work, mechanical and 
chemical, is accounted for, as being eventually to heat. 

Using a computer simulation approach, Cook31 studied 
polymer deformation. He showed that as the interaction 
between the chain atoms and the surrounding medium 
increases, the rotational angle motion is suppressed, and 
large amounts of energy are stored in backbone bond angle 
and bond length distortion. He ,also argued that the 
homogeneity of distribution of stored energy in different 
bonds increases when the interaction with medium in- 
creases. 

Controlling Molecular Phenomena. As the annealing 
time increases, two parameters, the number of chain 
segments crossing a unit area of the interface, n(t), and 
the average contour length of diffused polymer chain 
segments across the interface, l(t), increases. Conse- 
quently, the probability of establishing entanglements in 
the neighboring particles increases. Polymer chain seg- 
ments with two entanglements in the neighboring particles 
are thought to be more prone to rupture during the fracture 
process. Therefore, the controlling molecular properties 
for observation should contain n(t) and l(t). 

WooP2 derived the time and molecular weight depen- 
dence of the total interpenetration contour length, U t ) ,  
of polymer chain segments crossing a unit area of the 
interface for short annealing times: 

L ( t )  - n(t) l( t)  - t 3 l 4 i v 4  (17) 

L(m) - w2 (18) 
Similarly, deGennes15 and Prager and Tirrellle derived 
the scaling law for the number of bridges that cross the 
unit area of the interface: 

(19) 
For the samples well annealed above their relaxation time 

For long annealed samples he showed 

P(t )  - n( t )  l(t)'/2 - t'/2iu3'2 

0 C 

Figure 11. Schematic figure showing the interface healing 
process of latex films by chain interdiffusion and subsequent 
fracture at each stage: (A and B) crack goes through the interface 
of the particles, (C) crack propagates through the interface of 
bimodal network entanglement systems, (D) crack advances 
randomly. 

were formed via a dual mode of two crack openings, a 
shear mode, which dissipates a lot of energy while reducing 
the chain scission phenomenon, and a tension mode. Brown 
observedm the deviation of the crack from the interface 
of two immiscible polymers toward the one with lower 
entanglement derlsity and its jumping back to the interface, 
which increased the overall fracture toughness signifi- 
cantly. 

When the crack deviates to grow through the particles, 
all the fracture properties decrease which may be attrib- 
uted to nonequilibrium structure of the entanglement 
network of the chains inside the particles which may have 
a lower entanglement density. This entanglement network 
equilibrates in the long term (Figure 11D). Therefore, in 
the recovery regime, the number of polymer chain ruptures, 
fracture energy, and tensile strength all recover. The 
fraction of broken chains in any of these regimes is 
obviously controlled by the loading rate or temperature 
of the experiment as well as the depth of interdiffusion. 

A particular model may be important here. Potter and 
Rudinm reported the property changes that result from 
an abrupt precipitation of polystyrene out of solutions of 
various concentrations. They attributed that to "trapping" 
of the macromolecules of these samples in a nonequilibrium 
entanglement condition. The same phenomena may 
happen when the oil-phase droplets are homogenized and 
the solution of polystyrene in cyclohexane is cooled to 
room temperature. This might result in the formation of 
a nonequilibrium entanglement network in the artificial 
latex particles (Figure 11A). Now, with annealing of the 
sintered fiis of these particles, the polymer chains 
interdiffuse toward the interface and form another en- 
tanglement network (Figure llB,C). On the other hand, 
the network formed from entanglement of chains at the 
interface is created at  the melt state via the reptation of 
the chain ends which may end in a more equilibrated 
network (Figure 11C). 

Tensile Btrength Buildup. The peak of the fracture 
properties-annealing time curves occurs when the chains 
roughly interdiffuse as far as 0.8R, (-140 A) for the Mn 

420 K sample and R, (- 130 A) for the Mn 200 K sample 
which suggests a constant depth of interdiffusion equiv- 
alent of almwt 2.5 bridges, 2.5Mc,for full strength buildup. 
This depth of penetration, however, is a smaller fraction 
of the radius of gyration for higher molecular weights. 
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(20) 
The slopes of the mixed regions for Figures 5 and 6 were 
determined from log-log plots. There are 

frequency, Hz scissions-time energy-time 
2.65 
1.33 
0.53 

0.76 
0.65 
0.72 

0.67 
0.77 
0.51 

According to deGennes and Tirrell, the slopes should be 
0.50, and according to Wool, the slopes should be 0.75. 
While most of the data seem to favor Wool’s interpretation, 
it must be noted that the slopes are only accurate to fO. l .  
Additionally, it must be noted that the molecular weight 
dependence was found to be zero, supporting the theory 
of deGennes and Tirrell, rather than Wool. 

Thus, both theories are supported in part, but with data 
at hand, neither seems decisively better than the other. 

Conclusions 
Three regimes, mixed, peak, and recovery, were found 

in the number of chain scissions per unit area, the total 
fracture energy per unit area, and the tensile strength- 
annealing time correlation. Variously, 0.50-0.75 power 
scaling relationships were found for the number of chain 
scissions and the fracture energy per unit area as a function 
of annealing time for the mixed regime, which is in between 
the 0.5 power dependence on time derived by deGennes15 
and Prager and TirrelllG and the 0.75 power dependence 
derived by The fracture energy per unit area and 
tensile strength increase linearly with the number of chain 
scissions per unit area in the mixed regime, which agrees 
with the results of Peppas’slsstochastic model for a brittle 
material. 
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